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The interrelationship between defect chemistry, non-stoichiometry, grain boundary
transport and chemical stability of proton conducting perovskites (doped alkaline earth
cerates and zirconates) has been investigated. Non-stoichiometry, defined as the deviation
of the A : M molar ratio in AMO3 from 1 : 1, dramatically impacts conductivity, sinterability
and chemical stability with respect to reaction with CO2. In particular, alkaline earth
deficiency encourages dopant incorporation onto the A-atom site, rather than the intended
M-atom site, reducing the concentration of oxygen vacancies. Transport along grain
boundaries is, in general, less favorable than transport through the bulk, and thus only in
fine-grained materials does microstructure impact the overall electrical properties. The
chemical stability of high conductivity cerates is enhanced by the introduction of Zr. The
conductivity of BaCe0.9−xZrxM0.1O3 perovskites monotonically decreases with increasing x
(increasing Zr content), with the impact of Zr substitution increasing in the order
M =Yb → Gd → Nd. Furthermore, the magnitude of the conductivity follows the same
sequence for a given zirconium content. This result is interpreted in terms of dopant ion
incorporation onto the divalent ion site. C© 2001 Kluwer Academic Publishers

1. Introduction
Doped perovskite oxides, such as BaCeO3, BaZrO3,
and SrCeO3, have been widely studied in recent years
as potential proton conducting electrolytes for a va-
riety of electrochemical devices, including fuel cells,
electrolysis cells, and hydrogen pumps [1]. The intro-
duction of a trivalent dopant such as Gd into BaCeO3 is
normally assumed to occur as per Equation 1 (written
in Kroeger-Vink notation).

2Cex
Ce+Ox

O+Gd2O3⇒ 2Gd′Ce+ V
••
O + 2CeO2.

(1)
The dopant dissolution mechanism leads to the creation
of oxygen vacancies. Subsequent exposure to humid
atmospheres is presumed to lead to the incorporation
of protons as per Equation 2.

H2O(gas)+ V
••
O +OO⇒ 2OH

•
O. (2)

The protons introduced by this manner are generally
not bound to any particular oxygen ion, but are in-
stead free to migrate from one ion to the next. This
easy migration results in the high proton conductiv-
ity (as high as 10−2 Ä−1cm−1 at 500◦C) observed in
these oxides [2]. Furthermore, proton transport domi-
nates the overall electrical transport to temperatures of
approximately 600◦C; the proton transport number of
BaCe0.95Sm0.05O3, for example, is∼0.85 at this tem-
perature [3]. At higher temperatures, both oxide ion
transport and electron transport become significant.

Despite the flurry of attention directed towards these
materials, proton conducting perovskite oxides present
both outstanding scientific and technological chal-
lenges. In the present paper we highlight, in particular,
issues of (1) defect chemistry and non-stoichiometry (2)
grain boundary transport, and (3) chemical stability.

2. Non-stoichiometry
The influence of non-stoichiometry in AMO3 per-
ovskites, where non-stoichiometry is defined as the de-
viation of the molar ratio of A to M from 1 : 1, onproton
transport was first recognized by Kreueret al. [4]. Ex-
perimentally, these authors observed that doped barium
cerate compositions with a slight barium deficiency ex-
hibited significantly lower conductivities than stoichio-
metric compositions, whereas barium excess led to high
conductivity. In these experiments it was further noted
that barium deficiency could be achieved either from an
adjustment of the initial composition, or by exposing
the material to an elevated temperature for prolonged
periods of time and inducing BaO vaporization. It was
concluded from these observations that dopants such
as Gd3+ substitute not only for Ce4+ as given in Equa-
tion 1, but also for Ba2+ as per Equation 3

2BaBa+Gd2O3⇒ 2Gd
•
Ba+O′′i + 2BaOexcess (3a)

or

2BaBa+ V
••
O +Gd2O3⇒ 2Gd

•
Ba+Ox

O+ 2BaOexcess

(3b)
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and thereby lead to the presence of excess barium ox-
ide. In this manner, the similar effect of doping with a
trivalent ion and introducing excess Ba could be ratio-
nalized. It was further proposed that excess BaO exists
at the grain boundaries of dense polycrystalline barium
cerate and is responsible for proton transport, particu-
larly at low water adsorption levels. It is noteworthy that
dopant ion incorporation by Equation 3 also results in
a concentration of oxygen vacancies that is lower than
if Gd incorporation took place only on the intended Ce
site.

Since this first important work by Kreueret al. [4]
the present authors and others have systematically ex-
amined the role of non-stoichiometry on the properties
of barium cerate and to some extent strontium cerate
and strontium zirconate [5–8]. In addition, theoretical
studies have been carried out on the zirconates to es-
tablish the energies of various defect incorporation or
formation reactions [9]. The results of these studies can
shed light on the defect chemistry of the cerates. While
there is some discrepancy between the experimental re-
sults of various groups, there appears to be consensus
in selected arenas, as described below.

2.1. BaO excess
In materials containing an excess of Ba, the overall
stoichiometry may be maintained via a BaO rich grain
boundary phase, as originally proposed by Kreuer, or
by the direct incorporation of excess BaO into the bulk
crystal structure. Three possible defect reactions can be
considered to describe direct incorporation;

BaO→ Ba
••
i +O′′i (4)

BaO→ BaBa+OO+ V′′′′Ce+ 2V
••
O (5)

and

2BaO→ BaBa+ Ba′′Ce+ 2OO+ V
••
O . (6)

Examination of barium-rich cerates (both doped and
undoped) by X-ray diffraction has not revealed the pres-
ence of any secondary crystalline phases. Compositions
examined to date include 1.1BaO•CeO2 [4]; 1-1.04
BaO•0.85CeO2•0.075Gd2O3,1-1.04BaO•CeO2 [5];
1-1.2BaO•0.9CeO2•0.05Y2O3 [7], 1-1.1BaO•CeO2
[8], BaO•0.9CeO2•0.025Y2O3, BaO•0.85CeO2•
0.05Y2O3, SrO•0.9CeO2•0.025Y2O3, SrO•0.85Ce
O2•0.025Y2O3, 1.05SrO•CeO2 [6], 1-1.04BaO•ZrO2
and 1-1.04BaO•0.85ZrO2•0.075Y2O3 [present work].
The absence of diffraction peaks associated with a
barium rich compound does not preclude the presence
of such a phase in the intergranular regions of barium
cerate as a material such as BaO or Ba(OH)2 would
be expected to be amorphous. Unfortunately, attempts
to directly examine intergranular regions, by electron
microscopy for example, have yielded inconclusive
results. In some instances an amorphous phase
and/or enhanced barium content is observed (even
in stoichiometric compositions), whereas in others,
the grain boundaries are free of secondary phases,
Table I. It appears, therefore, that the state of the
grain boundaries in proton conducting perovskites is

TABLE I Results of transmission electron microscopy investigations
of the grain boundary regions of proton conductivity perovskites

Host Intergranular
material Dopant Concentration phase? Source

BaCeO3 Nd 5% no Nowick & Du [10]
Nd 10% no Nowick & Du [10]
Nd 12% yesa Nowick & Du [10]
Gd 10% no Nowick & Du [10]
Gd 10% no Haileet al. [11]
Gd 15% no Haileet al. [11]

SrCeO3 Yb 5% no Kruget al. [12]
Yb 5% yesb Lutyenet al. [13]

highly dependent on the precise nature of the dopant,
the dopant concentration, and perhaps the processing
route. Nevertheless, it is clear that an intergranular
phase is not a prerequisite for either high proton
conductivity or excess BaO accommodation, and
we now turn our attention to the bulk incorporation
reactions given in Equations 4–6.

Barium excess has a number of consequences in addi-
tion to inducing high conductivity in undoped barium
cerate: (1) the bulk lattice constant increases in both
doped and undoped compositions [5, 7, 8], (2) the wa-
ter uptake increases [5], (3) the sinterability generally
increases [5, 6], and (4) the material stability decreases
[5, 6]. An increase in sinterability may result from an
increase in diffusion coefficients due to higher defect
concentrations as implied by reactions (4)–(6). Alter-
natively, the presence of an intergranular liquid phase
at high temperatures may be responsible for enhanced
densification. The first two consequences (lattice con-
stant and water content variations), in contrast, are,
without question, due to changes to the bulk crystalline
structure of barium cerate (the total water content is
too great to be accounted for by H2O dissolution at
grain boundaries). An increase in water uptake is con-
sistent with both reactions (5) and (6), and of these
two, reaction (6) is more likely to induce increases in
cell volumes. An examination of the defect energetics
established for CaZrO3 and SrZrO3 [9] further indicates
that the creation of A-O interstitial pairs, reaction (4),
is unlikely. In calcium zirconate the energy per defect
is∼5.6 eV, whereas in SrZrO3 it is ∼8 eV. In contrast,
the energies associated with reaction (5) for calcium
and strontium zirconate are∼1 and∼0.7 eV/defect,
respectively. Details of the calculations that yield these
values are provided in an appendix. Point defects anal-
ogous to those relevant in reaction (6), in which the
divalent ion occupies the tetravalent ion site, have not
been analyzed. However, one might expect the energies
to be comparable to that of reaction (5) given the ionic
radii of Ba2+ and Ce4+, 1.36Å, and 0.80Å, respectively
(values for 6-fold coordination) [14].

Incorporation of excess barium oxide via either reac-
tion (5) or (6) would suggest that barium rich composi-
tions should, in all cases, exhibit higher conductivities
than stoichiometric compositions. While an increase in
conductivity is indeed observed for Ba-richundoped
compositions, it is not uniformly observed for those
containing a dopant. For example, Shima and Haile
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observed a monotonic decrease in conductivity in Gd-
doped barium cerate with increasing barium content
at low temperatures and under H2O saturated atmo-
spheres [5]. At high temperatures, however, the trend
was reversed. In Y-doped barium cerate, Guanet al.
noted that barium excess increased the conductivity at
low dopant concentrations (5%) but lowered it at higher
dopant concentrations (10%) [6]. A similar reduction in
conductivity upon increasing Ba content was observed
by Ma et al. for 10% Y doped barium cerate under a
wide variety of atmospheres [7]. It is certainly evident
that further studies are necessary to clarify the impact
of alkaline earth metal excess on ion transport in doped
perovskite oxides.

2.2. BaO deficiency
The first studies of barium-deficient, undoped barium
cerate demonstrated that the perovskite structure does
not tolerate significant barium deficiencies [5]. That

(a)

(b)

Figure 1 X-ray powder diffraction patterns of non-stoichiometric perovskites: (a) xBaO•ZrO2; (b) xBaO•0.85ZrO2•0.075Y2O3.

is, compositions rich in cerium showed the presence of
cerium oxide as measured by X-ray powder diffraction.
Subsequent investigations by Maet al. suggest that a
single phase perovskite can be obtained from composi-
tions deficient in barium by as much as 5% [8]. While
this latter observation is supported, to some extent, by
the relatively low defect energies associated with Ca-O
and Sr-O Schottky-type defect pairs in alkaline earth
zirconates [9], single-phase barium cerate of compo-
sition Ba0.95CeO3 is, in the present authors’ opinion,
rather optimistic. Recent studies of Ba deficient bar-
ium zirconate are in agreement with the earlier results
for barium cerate. Samples of nominal compositions
0.96–1.01BaO•ZrO2 were prepared by solid state reac-
tion (milled BaCO3 and ZrO2 calcined at 1400◦C for 30
hours) and examined by X-ray powder diffraction. The
measured diffraction patterns are shown in Fig. 1a. It is
evident that even the nominally stoichiometric compo-
sition contains an impurity phase. Its presence is likely a
result of BaO loss during calcination, and demonstrates
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that the perovskite phase will not withstand significant
A-site deficiencies.

Whereas undoped perovskites will not accommodate
alkaline earth deficiencies, doped compositions remain
single phase even under highly non-stoichiometric con-
ditions (4–10 mole% Ba/Sr deficient, depending on the
dopant ion). As an example, the diffraction patterns of
0.96–1.04BaO•0.85ZrO2•0.075Y2O3 (prepared from
solid state reaction as described above for undoped
compositions) are shown in Fig. 1b. The difference in
behavior between doped and undoped compositions im-
plies that the mechanism by which non-stoichiometry
is accommodated involves the defect chemistry of the
dopant ion. Specifically, we proposed previously [5]
that some portion of the dopant ions may reside on the
Ba rather than Ce site, in accordance with reaction (7):

2BaBa + 2OO+Gd′Ce+ V
••
O → Gd

•
Ba+ 2BaO↑

(7a)

2CeO2 + Gd′Ce+ V
••
O → Gd

•
Ba+ 2CeCe+ 6OO

(7b)

written, equivalently, in terms of either a barium defi-
ciency or a cerium excess.

Reaction (7) is essentially a variation of the mecha-
nism of dopant incorporation on the “wrong” site, as
proposed earlier by Kreuer [4], Equation 3. In this
case, however, a barium deficiency drives the “unde-
sirable” defect incorporation reaction, as opposed to
the latter inducing an effective barium excess. In ei-
ther event, dopant incorporation mechanisms and non-
stoichiometry are intimately tied. In their theoretical
study of perovskite zirconates, Davieset al. [9] calcu-
lated the solution energies of the lanthanum oxide series
in CaZrO3 and SrZrO3. Energies for dissolution onto
the A site and the M site were compared. Their results,
perhaps not surprisingly, showed that smaller dopant
ions were preferentially incorporated onto the M site
whereas larger ions were incorporated onto the A site.
In the specific case of Gd-doped barium cerate, the res-
idence of at least some Gd on Ba sites is quite plausible
as gadolinium, when in eight-fold coordination, has an
ionic radius of 1.06̊A, and is 34% smaller than barium
in twelve-fold coordination (1.60̊A). In comparison,
Gd is 17% larger than Ce, when both are in six-fold
coordination (R[GdVI

3+] = 0.938 Å, R[CeVI
4+] =

0.87Å [14]).
The impact of barium (or strontium) deficiency on the

properties of doped perovskites has not been examined
as extensively as the impact of barium excess, how-
ever, several important observations have been made.
Ma et al. found that the conductivity of Y-doped bar-
ium cerate peaked at a composition of 5 mole% Ba
deficiency (regardless of atmosphere). Kreueret al.,
in contrast, observed a dramatic decrease in the con-
ductivity of nominally stoichiometric La-doped bar-
ium cerate after exposure to elevated temperatures for
a prolonged period (25 hrs at 1700◦C), which pre-
sumably led to BaO loss. The conductivity of 10%
Ba deficient barium cerate, doped with lanthanum,
was comparable. Kreuer also observed a similar re-

sult for Gd-doped barium cerate in that a barium de-
ficiency of 10% resulted in a significant reduction
in conductivity. Similarly, Nagamoto and Yamada re-
ported the conductivity of 0.9BaO•CeO2 to be more
than an order of magnitude lower than that of BaCeO3
[15]. Shima and Haile found that compositions so de-
ficient in barium that CeO2 precipitates were present
(i.e., 0.96BaO•0.85CeO2•0.075Gd2O3) exhibited con-
ductivities significantly lower (by about a half an or-
der of magnitude) than single-phase perovskite com-
positions. In the case of single-phase compositions, the
result was temperature dependent, with Ba deficiency
leading to high conductivity at low temperatures, but
relatively low conductivity at high temperatures [5]. In
contrast, the proton conductivity of Sr deficient doped
strontium cerate (0.95SrO•0.85ZrO2•0.075Y2O3) is re-
ported to be more than an order of magnitude greater
than that of the stoichiometric analog over the entire
temperature range examined,∼550–850◦ C [16].

As with the case of alkaline earth excess, alkaline
earth deficiency can also have a pronounced impact
on sinterability, particularly in the case of difficult to
process zirconates. Ferreira found that stoichiometric
SrZr0.85Y0.15O3 densified only to 64% of theoretical
density, whereas A-site deficiency, achieved either by
reduction in the Sr content or addition of TiO2, re-
sulted in materials with densities of well over 80% of
theoretical [16]. Again, it is not immediately apparent
whether enhancements to the sinterability result from
the presence of grain boundary phases, or increased dif-
fusion coefficients due to point defect creation. Given
the likely defect reaction of Equation 7, which con-
sumes oxygen vacancies, it is difficult to imagine an
increase in the diffusion coefficient of any species due
to A-site deficiencies. It is possible that MO2 precipi-
tates form in the intergranular regions and serve to pin
grain boundaries and prevent pore break-away, as is
the case when small amounts of MgO are introduced
into Al2O3 [17]. However, the low grain boundary mo-
bility of zirconates would suggest that improvements
in sinterability must result from enhanced rather than
diminished grain growth.

2.3. Conclusions
In summary, while the details of the defect chemistry of
non-stoichiometric alkaline earth perovskites remains
unclear, in the majority of cases excess Ba (or Sr)
results in greater sinterability and higher conductiv-
ity, but ultimately lower stability with respect to re-
action with CO2. Ba (or Sr) deficiency can similarly
improve sinterability of zirconates (probably due to
grain boundary pinning by ZrO2 precipitates), but its
impact on conductivity depends on the system exam-
ined. The possibility that alkaline earth deficiency may
enhance stability has not been explored. The mecha-
nism of dopant incorporation depends on the nature of
the dopant, with large trivalent dopant ions exhibiting a
greater tendency towards incorporation on the divalent
ion site, which, in turn, leads to a lower concentration
of oxygen vacancies than expected and thereby lower
conductivity. The dopant incorporation mechanism is
furthermore tied to the state of non-stoichiometry, with
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a divalent ion deficiency driving the dopant incorpo-
ration onto the A site. Extreme processing conditions
can exacerbate the situation by causing the evapora-
tion of the alkaline earth species. Thermodynamic stud-
ies of BaCeO3 by Saha and coworkers [18] indicate
that the barium partial pressure under typical sintering
conditions of∼1600◦C can be as high as 10−5 atm.
Ultimately, lower temperature synthetic routes will be
necessary to ensure the reproducibility and optimiza-
tion of the properties of proton conducting perovskite
oxides.

3. Grain boundary transport
From the preceding discussion it is evident that the grain
boundary chemistry is intimately linked to the bulk de-
fect chemistry. Furthermore, it is apparent that little
experimental effort has been directed at fully charac-
terizing the grain boundaries in proton conducting per-
ovskites. What we demonstrate here is that the over-
all transport properties of typical perovskites are, for
all intensive purposes, insensitive to the chemistry of
the grain boundaries. Thus, the wide variation in grain
boundary properties that result from the variety of pro-
cessing routes employed to synthesis these oxides (as
exemplified by Table I) are essentially irrelevant to the
macroscopic material behavior.

In a typical a.c. impedance measurement, one mea-
sures the complex impedance of a sample as a function
of frequency. The real and imaginary components of the
impedance are plotted in the complex plane as para-
metric functions of frequency. Typically, several arcs
are visible in such a plot, with the arc present at high
frequencies normally attributed to bulk material behav-
ior, that present at intermediate frequencies attributed
to grain boundary behavior, and that present at low fre-
quencies attributed to electrode behavior, Fig. 2. To a
first approximation, the diameter of each of these arcs
corresponds to the effective d.c. resistance of each of
the three regions of the material (grain interior, grain
boundary, and electrode). From the knowledge of the
overall sample geometry (length and area), one can con-
vert the measured grain interior resistance to the grain
interior conductivity (or resistivity). A challenge arises
in the case of the grain boundaries, because the geom-
etry of the grain boundaries (effective length and ef-
fective area) is not known apriori . Thus, samples with
identical grain boundaries conductivities and macro-
scopic geometries, may yield different values of grain
boundary resistance simply due to differences in mi-
crostructure.

Figure 2 Schematic impedance plot in the Nyquist representation of a
typical polycrystalline material.

The simplest model proposed for determining the
true (or specific) grain boundary conductivity of a
polycrystalline material is the “brick layer model”
[11, 19–22]. More recent finite element studies indi-
cate that the difference in values of fitted parameters
between the brick layer model and a more realistic ran-
dom microstructure are less than about 10%, justifying
the use of the former [23]. In ref. [11] a detailed anal-
ysis of the implications of the brick layer model have
been presented. There, it was concluded that if a grain
boundary arc is indeed resolved in the Nyquist repre-
sentation of the impedance data, even if the radius of
this arc is smaller than that of the bulk (or grain inte-
rior) arc, the grain boundariesmusthave a true resis-
tivity that is higher than that of the grain interiors. This
conclusion can be demonstrated as follows. Consider
the limiting case of the two-dimensional microstructure
shown in Fig. 3. Four, square grains make up the poly-
crystalline sample, and electrodes are placed as shown.
If the grain boundary conductivity is high, current will
flow primarily along grain boundary (1), parallel to the
grains. Thus, there will be essentially no evidence of
the grain interiors in the impedance spectrum. If the
grain boundary conductivity is low, current will flow
primarily through the grains, but is geometrically re-
quired to traverse grain boundary (2), perpendicular to
the grains. In this case, the response of both the grain
boundaries and the grain interiors will be evident in
the impedance spectrum. Also in this case, because the
effective length of the grain boundary,δ (or ∼nδ for
n grains), is much shorter than the length of the grain
interiors (approximatelyL), the measured resistance of
the grain boundary region may be smaller than that of
the bulk. In this manner, a small grain boundary arc may
be obtained, despite a high grain boundary resistivity.

The conclusion that the presence of a grain boundary
arc immediately implies a higher grain boundary resis-
tivity than bulk resistivity can also be arrived by another
argument. The characteristic electrical frequency of a
material is given byωo= 1/RC, and corresponds to the
frequency about which the arc is centered, Fig. 2. Im-
plicit in the assignment of these arcs is the requirement
that the characteristic frequency of the grain boundaries

Figure 3 Limiting case of a simple microstructure.
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be lower than that of the grain interiors. The character-
istic frequency is, by definition, independent of the ge-
ometric shape of the material being examined, and can
also be written asωo= 1/ρεεo, whereρ is the resis-
tivity, ε is the relative dielectric constant, andεo is the
permittivity of vacuum. Noting that dielectric constants
of ceramics do not vary nearly as much as resistivity
(ignoring the effects of structural phase transitions as
in BaTiO3), differences in the characteristic frequencies
between grain boundary and grain interior regions must
be primarily due to differences in resistivity. Specifi-
cally,ωo,gb¿ωo,gi impliesρgb > ρgi.

Within the context of the brick layer model a semi-
quantitative measure of the true grain boundary resis-
tance can be obtained solely from the impedance data
without resort to microstructural examinations. Follow-
ing ref. [11] the total resistance of the grain boundaries
in series with the grain interiors is

Rgb = L

A

(
δ

D

)
1

σgb
, (8)

whereL is the sample length,A is the sample cross-
sectional area,δ is the grain boundary thickness, andD
is the grain size. If one further assumes that the dielec-
tric constant of the grain boundaries is approximately
equal to that of the bulk, then the ratio,δ/D, is given
by

δ

D
= Cbullk

Cgb
. (9)

Combining (8) and (9) yields

σgb = L

A

(
Cbulk

Cgb

)
1

Rgb
. (10)

Determining the dielectric constants of the grain bound-
ary and interior regions requires one additional calcula-
tion if, as is typical, the impedance spectrum is modeled
using (RQ) subcircuits rather than (RC) subcircuits,
where R is a resistor,C is a capacitor andQ a con-
stant phase element with impedanceZQ= [Y( jω)n]−1,
where j =√−1, ω is the frequency, andYandn are
constants. This additional step simply involves obtain-
ing the effective capacitance of an (RQ) subcircuit ac-
cording to [24]

C = Y1/n R(1/n−l ) (11)

Thus, all the information required for estimating the
specific grain boundary conductivity is available from
the impedance measurement.

The approach outlined here has been applied to
BaCe0.85Gd0.15O3 [11]. In Fig. 4 the impedance spec-
tra of several samples, prepared by solid state reaction
and sintered at temperatures between 1400 and 1700◦C
are shown. The spectra were collected at 100◦C under
water-saturated argon. At first glance it appears that
the grain boundary resistivity is lower than that of the
bulk, particularly for the sample sintered at 1700◦C,
and might even prompt one to pursue nanocrystalline

Figure 4 Impedance spectra collected from BaCe0.85Gd0.15O3 at 100◦C
under H2O saturated argon. Sintering temperature and mean grain size
of each sample as indicated.

materials as a method of reducing the total resistivity
of the material. Closer examination of these materials,
however, reveals that the sample sintered at 1700◦C
has larger grains (∼10µm), and exhibits a lower grain
boundary resistance simply because fewer boundaries
are encountered by the mobile charge carriers. In the
case of the sample sintered at 1400◦C, the mean grain
size is 1.3µm, and grain boundaries, despite occupy-
ing a small volume fraction of the overall sample, cause
as much resistance to ion transport as the bulk. Taking
the microstructure into account as described above, the
specific grain boundary conductivity for each of the
materials is on the order of 1.5× 10−8Ä−1 cm−1. This
value is independent of grain size (for the set of samples
represented in Fig. 4) and several orders of magnitude
lower than the bulk conductivity of 5× 10−6Ä−1 cm−1.
Other noteworthy properties of grain boundaries in pro-
ton conducting perovskites include (1) charge trans-
port by protons, as demonstrated by higher grain
boundary conductivity under H2O than D2O saturated
atmospheres, (2) greater responsiveness within the
grain boundary regions to changes in atmosphere, and
(3) higher water concentrations within the intergranular
regions than within the bulk.

This study of BaCe0.85Gd0.15O3 suggests that large-
grained materials are necessary in order to minimize
total resistance. It should be noted, however, than in
all cases where grain boundary conductivity in proton
conducting perovskites has been studied, the activation
energy for transport through grain boundaries is higher
than that for transport through the bulk. Consequently,
at temperatures of 300–400◦C and above, even for
small-grained materials, the arc associated with grain
boundary resistance becomes exceedingly small and
no longer contributes to the total material resistance.
Thus, for typical fuel cell operating temperatures, the
electrolyte microstructure will not effect its impedance.
While proton transport along grain boundaries may not
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be critical to the electrical behavior of perovskites, grain
boundaries may play an important role in the molecu-
lar diffusion of water, as evidenced by the faster rate
of H2O↔D2O exchange in polycrystalline samples of
BaCe0.85Gd0.15O3 than in single crystals [25].

4. Chemical stability
4.1. Thermodynamic studies
The high proton conductivities of doped BaCeO3 and
SrCeO3 render them attractive for many applications.
They have not been widely implemented, however, be-
cause they suffer from poor chemical stability. In par-
ticular, barium cerate can react with CO2 according to
reaction (12), or with H2O according to reaction (13).

BaCeO3+ CO2→ BaCO3+ CeO2 (12)

BaCeO3+ H2O→ Ba(OH)2+ CeO2 (13)

Reaction (13) is not relevant at the high temperatures
of operation expected for a fuel cell [26], and thus the
remainder of the discussion is limited to reaction (12).

The reaction of an AMO3 perovskite with CO2, as
given for BaCeO3 above, can be broken into two reac-
tions involving the individual metal oxides:

AMO3→ AO+MO2 (14)

AO+ CO2→ ACO3 (15)

The energetics of reaction (15) are well established for
all the alkaline earth elements. Reaction (14) has also
been widely studied in the context of the crystal chem-
istry of perovskites.

At the standard state ofT = 298.15 K andP= 1 atm,
the Gibbs free energies of reaction (15) to form BaCO3
and SrCO3, respectively, are [27]

1Go
rxn(15)= −268 kJ/mol+ (0.17 kJ/mol*K)*T

and

1Go
rxn(15)= −234 kJ/mol+ (0.17 kJ/mol*K)*T.

Because the enthalpy and entropy of formation of the
component species involved in reaction (15) do not vary
by more than a few per cent over the temperature range
from 298.15 K to – 1000 K [27], these1G values can
be used to evaluate the thermodynamic stability of the
alkaline earth perovskites even at the high temperature
of operation of a fuel cell.

Turning to reaction (14), several authors have noted
that1Ho

rxn for the formation of perovskites from the in-
dividual oxides shows a correlation with the perovskite
tolerance factor,t , Fig. 5 [28]. This structural parame-
ter, defined as

t = (RA + RO)/21/2(RM + RO),

describes the extent of distortion of the perovskite struc-
ture from the ideal cubic aristotype due to mismatch be-
tween the A-O and M-O bond lengths. The energetics

Figure 5 The negative of the enthalpy of reaction (14) plotted as a
function of perovskite tolerance factor (see text). Anomalous data for
BaMoO3 and BaPrO3, which lie far above and below the linear regres-
sion line, respectively, and have not been reproduced in other laborato-
ries, have been omitted.

of the formation of the specific compounds of interest,
BaCeO3 and SrCeO3 (and the analogous zirconates),
have been studied by several independent groups and
the results are summarized in Table II. In the case of the
calorimetric studies, the measured parameters reflect
the formation of the perovskite from the component el-
ements (as opposed to the oxides). The corresponding
thermodynamic functions for reaction (14) can be cal-
culated by accounting for the formation energies of the
individual oxides:

1Go
f (BaO)= −554 kJ/mol+ (0.09 kJ/mol*K)*T,

1Go
f (SrO)= −592 kJ/mol+ (0.10 kJ/mol*K)*T,

1Ho
f (CeO2) = −1089 kJ/mol [34],

and

1Go
f (ZrO2−m)=−1079kJ/mol+ (0.13kJ/mol*K)∗T

where these values are taken from Barin [27], unless
otherwise noted.

In the case of the galvanostatic measurements of the
cerates [32], the constructed cell directly yielded the
energetics of the reaction of the perovskite with CO2
(reaction 12), from which it is possible to obtain the
1Go

rxn(14) by accounting for the formation energies of
the alkaline earth carbonates (given above).

The data summarized in Fig. 5 demonstrate that, gen-
erally, the stability of the perovskite structure increases
with increasing tolerance factor, i.e., as the distortion
from the cubic aristotype decreases. Notable excep-
tions are two data points with positive -1Hrxn(14)
for BaCeO3 and SrCeO3 as determined by Gopalan
and Virkar [32]. The discrepancy between these results
and those of the calorimetric measurements for cerates
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TABLE I I Thermodynamic parameters for the reaction: AO+MO2→ AMO3 for the standard state T= 298.15 K and P= 1 atm (zirconia in
monoclinic phase)

AMO3 1Ho
r kJ/mol 1So

r kJ/mol K Method Source

BaCeO3 −54 n/a solution calorimetry Goudiakaset al. [29]
−57 n/a solution calorimetry Cordfunkeet al. [30]
−52 n/a solution calorimetry Morss & Mensi [31]
−49a n/a differential calorimetry Sahaet al. [18]
−54 n/a prefered value

95 0.11 galvanic cell Gopalan & Virkar [32]
SrCeO3 −5 n/a solution calorimetry Goudiakaset al. [29]

−6 n/a solution calorimetry Cordfunkeet al. [30]
68 0.11 galvanic cell Gopalan & Virkar [32]
−5 n/a prefered value

BaZrO3 −128 0.002 galvanic cell Jacob & Wasseda [33]
SrZrO3 −74 0.015 galvanic cell Jacob & Wasseda [33]

a1Gr
o at 1000◦C

TABLE I I I Thermodynamic parameters for the reaction:
AMO3+CO2 → ACO3+MO2 for the standard stateT = 298.15 K
and P= 1 atm (zirconia in monoclinic phase). Values determined
by combining parameters for reaction (14) given in Table II with
parameters for reaction (15) given in text [27]

1Ho
r 1Sr

o

AMO3 kJ/mol kJ/mol K Method Source

BaCeO3 −214 n/a preferred value see Table II
−357 −0.268 galvanic cella Gopalan & Virkar [32]

SrCeO3 −229 n/a preferred value see Table II
−298 −0.262 galvanic cella Gopalan & Virkar [32]

BaZrO3 −140 −0.17 galvanic cell Jacob & Waseda [33]
SrZrO3 −160 −0.18 galvanic cell Jacob & Waseda [33]

aThermodynamic parameters for the reaction of the perovskite with the
carbonate measured directly.

cannot be easily resolved. The weight of the experi-
mental evidence suggests that the enthalpy of formation
from the oxides for both BaCeO3 and SrCeO3 should be
negative as determined calorimetrically. Significantly,
whether one utilizes the calorimetric or galvanostatic
data, the enthalpy of reaction for the formation of the
carbonate from the perovskite is nevertheless negative,
Table III. A negative1Hrxn(12) implies that at low tem-
peratures carbonate formation is favored over the for-
mation of the perovskite, which is very much in agree-
ment with experimental observations. Indeed, several
authors have reported that strontium and barium cerates
can “crumble” after several days of exposure to atmo-
spheric CO2 at ambient temperatures, a serious draw-
back for technological applications of these materials.

4.2. ACeO3 – AZrO3 solid solution systems
From the data presented in Table III one can expect the
zirconates, especially BaZrO3, to be much more sta-
ble against carbonate formation than the cerates, and
thus much more desirable for applications in fuel cell
environments. Early measurements of the conductivity
of doped zirconates suggested that their proton con-
ductivity was very low,∼1.3× 10−6 S/cm at 600◦C
under moist N2 in the case of BaZr0.9Y0.1O3 [35] and
∼3.2× 10−4 S/cm in the case of BaZr0.95Y0.05O3 [36]
at the same temperature but under pure hydrogen. A
recent quantum molecular dynamics study furthermore

indicated that the barrier to proton transport in BaZrO3
should be greater than that in BaCeO3 [37], consis-
tent with these observations of low conductivity. Ac-
cordingly, one strategy that has emerged for developing
perovskites of both high proton conductivity and high
chemical stability is the exploration of the AZrO3 –
ACeO3 pseudo-binary systems. It should be noted,
however, that very recent investigations of BaZrO3 sug-
gest that the solubility of protons in this compound is
much higher than previously reported, and it may, in
fact, have a conductivity comparable to that of BaCeO3
[38, 39].

The perovskites BaZrO3 and BaCeO3 are not
isostructural at room temperature; the zirconate is cu-
bic, space group Pm3m [40], whereas the cerate ex-
hibits an orthorhombic distortion, space group Pnma,
with |aortho| ≈ |bortho| ≈ √2|acubic|, and |cortho| ≈
2|acubic| [41]. Charrier-Cougoulicet al. studied the
crystal chemistry of the (undoped) BaZrO3 – BaCeO3
system by Raman spectroscopy and X-ray diffrac-
tion and found that the structure evolves from cubic
(Pm3m) to rhombohedral (R3̄c) to centered orthorhom-
bic (Imma) to primitive orthorhombic (Pnma) with
increasing cerium content [42]. The reverse sequence
of transitions is observed for the end-member cerate
with increasing temperature [41]. No two-phase re-
gions were identified in the zirconate-cerate system,
and, somewhat surprisingly, the pseudo-cubic lattice
constant was found to vary linearly with composition
over the entire composition range. In the case of doped
compositions, a linear variation of lattice constant with
Zr content is also observed. The SrZrO3 – SrCeO3 sys-
tem exhibits a similarly linear relationship between lat-
tice constants and composition [43].

Electrical measurements of compounds in both the
BaZrO3 – BaCeO3 and the SrZrO3 – SrCeO3 systems
generally reveal a monotonic decrease in conductivity
(under H2O saturated argon) as the zirconium content is
increased. Matzke and Cappadonia obtained this result
for 5 mole% Yb-doped strontium cerate-zirconate over
the entire composition range from SrCe0.95Yb0.05O3
to SrZr0.95Yb0.05O3 [43]. Sataet al. [44] have exam-
ined the identical system and obtained somewhat con-
tradictory results, however, this could be a consequence
of their synthetic procedure. Samples were prepared
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Figure 6 The conductivity of BaCe0.9−xZrxM0.1O3 under H2O saturated argon; (a) M= Nd; (b) M= Gd; (c) M= Yb; (d) X = 0.2.

from the melt, which likely led to vaporization of the
alkaline earth species, as is the case for melt growth of
BaCeO3 [11, 45]. Electrical results from the authors’
laboratory for the barium cerate- zirconate system with
Gd, Nd and Yb as dopant species are shown in Fig. 6.
The materials were prepared by solid state reaction as
described in ref. [46] and characterized by X-ray pow-
der diffraction and a.c. impedance spectroscopy under
H2O saturated argon. Samples were sintered at tem-
peratures of 1500–1650◦C after cold-isostatic press-
ing. Only those with Zr contents of≤20% densified
to a degree satisfactory for conductivity measurements
(ρ ≥ 92%ρtheo).

The data in Fig. 6 demonstrate that not only does
the introduction of Zr into barium cerate cause a de-
crease in conductivity, its impact increases in the order
Yb → Gd→ Nd. That is, while the conductivity of
BaCe0.9−xZrxNd0.1O3−δ decreases by more than order
of magnitude betweenx= 0 andx= 0.2, the conduc-
tivity of the Yb-doped perovskite is hardly affected over

the analogous composition range. Moreover, the con-
ductivity for a given Zr content follows the identical
chemical sequence withσ (Yb)>σ (Gd)>σ (Nd). This
last observation is in agreement with earlier measure-
ments by Stevensonet al. [47] of the conductivity of
doped barium cerate at low temperatures (<400 ◦C).
We interpret these conductivity results as follows. It
was noted above that larger dopant ions have a greater
tendency to incorporate onto the divalent ion site and
thus give rise to fewer oxygen vacancies than smaller
dopant ions. Such behavior immediately explains the
high conductivity of Yb doped compositions. As the
average ionic radius of the tetravalent ion decreases,
that is as Zr is introduced, one expects a greater propor-
tion of the large dopant ions to reside on the divalent ion
site and thus the large impact of introducing Zr into Nd
doped barium cerate. In contrast, ytterbium, which is
the same size as cerium (0.868Å in radius as compared
to 0.870Å) is simply too small for the divalent ion site,
even in the presence of the small Zr4+ (0.72 Å) ion.
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Figure 7 Thermal gravimetric (TGA) and differential thermal (DTA) traces collected from BaCe0.9−xZrxM0.1O3 under flowing CO2 at a heat-
ing rate of 20◦C/min: (a) BaCe0.9Nd0.1O3, (b) BaCe0.7Zr0.2Nd0.1O3, (c) BaCe0.9Gd0.1O3, (d) BaCe0.5Zr0.4Gd0.1O3, (e) BaCe0.9Yb0.1O3, and
(f) BaCe0.5Zr0.4Yb0.1O3.

Therefore, introducing zirconium into Yb doped com-
positions has little effect on the conductivity. Gadolin-
ium, being of intermediate ionic radius between Nd and
Yb [14], gives rise to intermediate behavior.

As might be anticipated, the stability of
BaCe1−xZrxO3 compounds increases with increasing
x. Selected thermal gravimetric and thermal differen-
tial data showing the behavior of doped compositions
in this system under flowing CO2 are presented in
Figs. 7 and 8, and summarized in Fig. 9 in terms of the
percentage of Ba atoms converted to BaCO3 at the peak
of weight gain. While the compositions bearing no Zr
clearly reacted with CO2, the Gd-doped composition
containing 40% Zr and the Nd-doped composition
containing 20% Zr did not react within the time frame

of the experiment. In the case of the Yb-doped mate-
rials, at the highest Zr content examined, 40 mole%,
the reactivity with CO2 was reduced to∼ 4 mole%
of Ba. A somewhat unanticipated result is the effect
of calcination temperature, evident in Figs. 8 and 9,
with higher calcination temperatures leading to greater
stability. This can be explained by the greater chemical
homogeneity of compositions calcined at higher
temperatures, as confirmed by transmission elec-
tron microscopy. These observations strongly suggest
chemical stabilization of perovskite cerates by Zr intro-
duction may ultimately be even greater than indicated
in Figs. 7 and 9, if we can ensure a high degree of homo-
geneity. Compositional homogeneity may, in turn, may
be achieved by chemical synthesis of the perovskites.
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Figure 8 Thermal gravimetric traces collected from (a) BaCe0.8

Zr0.1Nd0.1O3 and (b) BaCe0.7Zr0.2Gd0.1O3 calcined at the temperatures
indicated.

5. Summary
The questions of bulk defect chemistry, non-
stoichiometry, grain boundary chemistry, chemical sta-
bility and processing of proton conducting perovskites
are intricately tied to one another. Loss of the alka-
line earth species at high temperature, for example, can
lead to trivalent dopant ion “transfer” from the tetrava-
lent to the divalent ion site, which in turn, will reduce

Figure 9 Maximum mole percent of barium in BaCe0.9−xZrxM0.1O3 converted to BaCO3 during TGA examination, as determined by the maximum
weight gain upon heating.

the concentration of oxygen vacancies. Similarly, inten-
tional deviations from stoichiometry strongly impact
both the sintering behavior and chemical stability. The
number of firm conclusions that can be drawn regard-
ing the behavior of proton conducting perovskites in
response to subtle changes in chemistry and processing
conditions is not as high as one would like, because
of significant literature discrepancies. It is quite evi-
dent, however, that grain boundaries in perovskites do
not provide a pathway for fast proton transport. Fur-
thermore, the ACeO3 – AZrO3 system continues to be
a very promising route to obtaining materials of both
high conductivity and high stability. Areas in which sig-
nificant experimental efforts will be required in order to
completely understand the behavior of proton conduct-
ing perovskites are direct observations of dopant incor-
poration sites and low temperature processing routes
that preserve the material chemistry. Given the poten-
tial impact of high chemical stability and high proton
conductivity oxides on a wide range of electrochem-
ical devices, in particular fuel cells and H2O elec-
trolysis cells, efforts in these areas are certainly well
justified.

Appendix
Methods of accomodating AO excess in perovskites:

AO→ A
••
i +O′′i (1)

AO→ AA +OO+ V′′′′M + 2V
••
O (2)

2AO→ AA + A′′M + 2OO+ V
••
O . (3)

To evaluate1E for (1):

AA → V′′A + A
••
i (4)

OO→ V••O +O′′i (5)

AA +OO→ V′′A + V
••
O + AO (6)
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1E(1)= 1E(4)+1E(5)−1E(6)

1E(1,SrZrO3) ∼ 8 eV/defect;

1E(1,CaZrO3) ∼ 5.6 eV/defect

To evaluate1E for (2):

AA +MM + 3OO→ V′′A + V′′′′M + 3V
••
O + AMO3

(7)

null→ V′′A + V′′′′M + 3V
••
O (8)

AA +OO→ V′′A + V
••
O + AO (6)

1E(2)=1E(7)−1E(6), assuming (7) and (8) are
equivalent.

1E(2,SrZrO3) ∼ 0.7 eV/defect;

1E(2,CaZrO3) ∼ 1 eV/defect

To evaluate1E for (3):

AO→ AA +OO+ V′′′′M + 2V
••
O (2)

AO+ V′′′′M + V
••
O → A′′MOO (9)

1E(3)=1E(2)+1E(9), but1E(9) is unknown.
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